Abstract Ferrous shape memory alloys showing superelasticity have recently been obtained in two alloy systems in the 2010s. One is Fe-Mn-Al-Ni, which undergoes martensitic transformation (MT) between the a (bcc) parent and c 0 (fcc) martensite phases. This MT can be thermodynamically understood by considering the magnetic contribution to the Gibbs energy, and the b-NiAl (B2) nanoprecipitates play an important role in the thermoelastic MT. The temperature dependence of critical stress for the MT is very small (about 0.5 MPa/°C) due to the small entropy difference between the parent and martensite phases in the Fe-Mn-Al-Ni alloy, and consequently, superelasticity can be obtained in a wide temperature range from cryogenic temperature to about 200°C. Microstructural control is of great importance for obtaining superelasticity, and the relative grain size is among the most crucial factors.
Introduction
Over the last half-century, many alloy systems, including Ni-Ti-, Cu-, Fe-, Ni-, Co-, Ti-, and Mg-based systems, have shown a shape memory effect or superelasticity associated with reversible martensitic transformation (MT) [1] [2] [3] [4] [5] . Because of its good shape memory properties [6] [7] [8] and biocompatibility [9] , Ni-Ti alloys have been most commercially used in such fields as medical, automotive, aerospace, and seismic, and for consumer products [10] [11] [12] [13] [14] . However, increasing demands on shape memory alloys (SMAs) have led researchers to focus on developing novel SMAs with new classes of functionality and properties, e.g., magnetic SMAs for actuators with a more rapid response, Ni-free Ti-based alloys with better biocompatibility, high-temperature SMAs, more ductile SMAs, and damping materials. Fe-based SMAs have attracted much attention for a long time due to their low cost. Although many attempts have been made to obtain superelasticity in Fe-based alloys since 1970s, they have shown no or poor superelasticity. However, in the early 2010s, authors in this study's group achieved superelasticity in Fe-Ni-Co-AlTa-B and Fe-Mn-Al-Ni.
The conventional MT in Fe-based alloys has roughly been classified into two groups according to the crystal structure; transformations from the c (fcc) parent to the a 0 (bct, bcc or fct) martensite and from the c parent to the e (hcp) martensite. The most extensively studied Fe-based SMA is Fe-Mn-Si [15, 16] , showing the c/e MT. Besides the shape memory effect, this alloy shows good fatigue lives and has been applied practically to a seismic damping component [17] . However, the transformation is non-thermoelastic and superelasticity cannot be obtained. The other is the Fe-Ni-based systems, showing the c/a 0 MT. It has been proposed that thermoelastic transformation can be achieved when a matrix is suitably strengthened and tetragonality (c/a) of the bct structure is suitably high [18, 19] . In the Fe-Ni-Co-Ti alloy, the transformation changes to thermoelastic by precipitation of the c 0 phase in coherency with the c matrix [18] . However, it was previously difficult to obtain superelasticity at room temperature because of the brittleness caused by grain boundary precipitation. This problem was solved mainly by controlling the grain boundary character distribution. In 2010, superelasticity at room temperature was obtained in the FeNi-Co-Al-Ta-B alloy [20] and later in its family of alloys, such as Fe-Ni-Co-Al-Nb-B and Fe-Ni-Co-Al-Ti-B [21] [22] [23] , in which the grain boundary precipitation was effectively suppressed by lowering grain boundary energy with a strong recrystallization texture obtained by suitable cold-rolling and annealing. Consequently, a large superelastic strain up to 13.5% can be obtained in thin sheets, although wires remain brittle due to difficulty in obtaining the low-energy grain boundary. The MTs from the c parent phase are responsible for shape memory properties in these alloy systems.
In 2011, a new ferrous SMA Fe-Mn-Al-Ni was reported [24] . This alloy has microstructural features similar to the Fe-Ni-Co-based SMAs. In addition, nanosized and coherent precipitates with an ordered structure formed in a disordered matrix play an important role in thermoelastic MT, although the a (bcc) ''ferrite'' parent phase martensitically transforms to the c 0 (fcc) ''austenite'' phase, unlike conventional Fe-based SMAs with the c parent phase. A similar MT from the a (L2 1 ) to the c 0 (D0 22 or 2M) has been obtained in the Fe-Mn-Ga system [25, 26] . In addition to the advantages of the inexpensive constituents and the good cold workability, the Fe-Mn-Al-Ni alloy can overcome one drawback in superelastic alloys, which is a strong stress sensitivity to temperature for the MT and a resultant narrow temperature window for superelasticity. Until now, superelasticity has been obtained at temperatures from -263°C to 240°C with small dependence of critical stress on temperature in the Fe-Mn-Al-Ni alloy; therefore, this SMA is a candidate material for practical applications. Since the first report of the superelasticity [24] , the thermodynamics, microstructure, and superelasticity in Fe-Mn-Al-Al alloys have been investigated in both single-crystalline and polycrystalline samples. In this paper, the fundamental properties and recent progress in research on Fe-Mn-Al-based alloys are reviewed.
Thermodynamics of a/c 0 Martensitic Transformation in the Fe-Mn-Al System
The MT from the c phase to the a 0 phase is well known in Fe-based alloys. However, that from the a parent phase (bcc) has been reported almost exclusively in Fe-Mn-Albased alloys [27] [28] [29] [30] . Figure 1a shows the c 0 martensite phase in the a matrix in Fe-36at.%Mn-15at.%Al alloy quenched from 1200°C (hereafter, the alloy composition is written as at.%). The amount of martensite increased by cooling, but the reverse transformation hardly occurred by heating to 500°C [30] . This is a typical feature of the nonthermoelastic MT. Fe-40Mn-15Al shows much higher amount of martensite (Fig. 1b) , meaning that an increase in the Mn content stabilizes the martensite.
Here, this unique martensitic phase transformation from the a phase to the c 0 phase in the Fe-based alloy will be discussed from a thermodynamic viewpoint. Figure 2 shows the vertical section diagram with the equilibrium line between the a and c phases in the Fe-36Mn-Al alloy, calculated by the CALPHAD method [31] . The Fe-36Mn-15Al alloy has the T a=c 0 at about 800°C, which suggests that the a/c 0 MT can occur when rapidly quenched from the a phase region. Figure 3 shows the isothermal section diagram at 1200°C in the Fe-MnAl ternary system [32] , where the alloys in the hatched region have been confirmed to show the MT. Note that this region is in the vicinity of the phase boundary and that the Curie temperature of the a phase, T a C , is relatively low. The phase stability of Fe has been well investigated. The schematic diagrams of the entropy and Gibbs energy of Fe are shown in Fig. 4 , and the entropy difference DS 
between the a and c phases calculated for Fe, Fe-20Mn-10Al, and Fe-36Mn-15Al by the CALPHAD method are shown in Fig. 5 [33] . In Fig. 4 , the paramagnetic and ferromagnetic (T a C = 770°C in Fe [34] ) states are considered for the a phase, and the c phase is antiferromagnetic at low temperatures (T c C = 67 K = -206°C in Fe [34] ). The paramagnetic ground state at infinite temperature was set as a reference state and the magnetic contribution was considered as ordering here, as is often treated in CALPHAD. The larger vibrational entropy of the a phase with a more open structure makes it more stable at high temperatures than the c phase due to the TS term in Gibbs energy G = H -TS, which is a common feature in many kinds of metals and causes the a(d) (HT: high temperature)/c (LT: low temperature) transformation at high temperatures in Fe and Fe alloys. The a (HT)/c 0 (LT) MT in Fe-36Mn-15Al
can basically be understood by this explanation, whereas the T a=c 0 temperature is extremely low compared with that of pure Fe. However, entropy of the ferromagnetic phase is generally reduced by magnetic ordering. The lower entropy of the ferromagnetic a phase, compared with that of the c phase, leads to the c (HT)/a 0 (LT) transformation at the low temperatures. In addition, the a phase becomes more stable than the c phase at 0 K due to the ferromagnetism of the a phase in Fe [35] . The stabilization of the a phase by the magnetism at lower temperatures hinders the MT from the a to the c 0 phase in conventional Fe alloys. In contrast, in Fe-Mn-Al alloys the contribution of the magnetism is reduced by the large amount of alloying elements, which results in the appearance of the a/c 0 MT. It should also be noted that the antiferromagnetism in the c phase also plays an important role for the a/c transformation in Fe. This effect, however, may be less considerable because of the low Néel temperature, while being more visible in the FeMn-Al-based alloys with a higher Néel temperature.
The subscripts ''para'' and ''ferro'' in the calculated Fig. 5 mean that the magnetic term is excluded and included in the calculation, respectively; therefore, the difference is the magnetic contribution to the entropy difference or Gibbs energy difference. Qualitatively, the ferromagnetic schematic of Fig. 4 can be applied to Fe and Fe-20Mn-10Al and the paramagnetic one is a case for Fe-36Mn-15Al. In Fe and Fe-20Mn-10Al, the magnetic contribution DS a=c mag is large and the DS a=c ferro is largely positive at around temperatures below T a C . Hence, the a phase is stabilized at lower temperatures. However, the Fe-36Mn-15Al alloy has a much lower Curie temperature of the a phase, and the unusual stabilization of the a phase by the magnetism at low temperatures is not visible.
The vertical section diagram of Fe-Mn-Al with various
Mn contents with the Curie temperature of the a phase are shown in Fig. 6 . It can be seen that the c loop is formed around the Curie temperature and that it expands to the high Al content and low temperature region with increasing Mn content and decreasing Curie temperature. Finally, in the 36Mn alloy, the loop disappears due to reduction of the magnetic effect. In this condition, the a phase of, e.g., the 15Al alloy crosses the T a=c 0 at relatively low temperature [33] , where thermodynamic parameters in Ref. [31] were used and T a C in the Fe-Mn-Al system with various Mn contents [24] during cooling and the diffusionless a/c 0 MT can occur by rapid quenching.
Until now, unlike the Co-based Heusler alloys [36] , the reentrant MT from the a phase to the c phase by cooling has not been observed in the Fe-Mn-Al system. This is probably due to the antiferromagnetism of the c phase, namely the magnetic contributions from the ferromagnetic a phase and antiferromagnetic c phase are more or less balanced. It is difficult to predict the thermodynamic quantities at low temperatures in the current (second generation) CALPHAD method [37] as omitted in Figs. 5 and 6, but attempts are being made for thermodynamic analysis at low temperatures below room temperature based on experiments [38] .
Martensitic Transformation and Nanoprecipitates in the Fe-Mn-Al-Ni System Superelasticity can be obtained by thermoelastic MT in most cases. While the a phase of Fe-Mn-Al ternary alloys with the disordered A2 structure show non-thermoelastic MT, the Fe-Mn-Al-Ni quaternary alloys with the b-NiAl nanoprecipitates with the B2 structure in the a matrix exhibit thermoelastic MT [24] . This is similar to the MT in Fe-Ni-Co-(Ti or Al)-based c alloys with the L1 2 nanoprecipitates [18, [20] [21] [22] [23] . The amount of Ni content has been optimized and addition of about 7.5 at.% Ni is the best, considering the reversibility of the MT and ductility [39] , and the Fe-34Mn-15Al-7.5Ni alloy has been used in most reported studies.
Although it is difficult to determine the MT temperature by electrical resistivity measurement [40] or differential scanning calorimetry, magnetization measurement is useful to detect the MT as shown in Fig. 7a [24] because the a parent and the c 0 martensite phases in the Fe-Mn-Al-Ni alloy are ferromagnetic and antiferromagnetic, respectively. The thermal hysteresis DT hys (defined by A f -M s with the transformation starting temperature M s and the reverse transformation finishing temperature A f ) is normally smaller than 50°C in thermoelastic MT, but that is about 150°C in the Fe-Mn-Al-Ni alloy. However, the martensite plates reversibly grow and shrink during cooling and heating, respectively, (Fig. 7b) and such microstructural change is a typical feature of thermoelastic MT. The required driving force for the MT DG is given by DG & DSÁDT (DT: supercooling from T 0 ) and DG for FeMn-Al-Ni is estimated to be 32 J mol
, which is much smaller than that of roughly 1000 J mol -1 in non-thermoelastic transformation in Fe-based alloys [41] and even smaller than that of about 80 J mol -1 in thermoelastic Ni-Ti alloys [42] . As discussed later, the DS is smaller in the Fe-Mn-Al-Ni alloy than that in other SMAs, and the large hysteresis is not due to the large driving force but caused by this thermodynamic property. Judging from these facts, the MT in the Fe-Mn-Al-Ni alloy is considered to be thermoelastic. The small DS also arrests the transformation by cooling and the relatively high magnetization in Fig. 7 is attributed to the residual parent phase.
The b nanoprecipitate plays an important role in thermoelastic MT. The precipitate has been analyzed by atom probe tomography and is basically NiAl [43] with the B2 structure. This precipitation can be understood by a miscibility gap of the bcc phase in the Fe-Ni-Al system [44] . Figure 8 shows the high-angle annular dark-field scanning transmission electron microscopy (HAADF-STEM) image of the b precipitate with about 10 nm in diameter in the martensite matrix of the Fe-34Mn-15Al-7.5Ni alloy [45] . The crystal structure of the precipitate should be B2, but it is sheared to the [011] direction by about 5°. In the martensite phase, twins are introduced as indicated by the white lines. Although the stacking sequence is rather irregular, the average shear angle of the martensite is close [24] to that of the b precipitate. Note that no misfit dislocations are observed at the parent/precipitate interface after reverse MT and that the coherency at the martensite/precipitate is considered high. These results suggest that the b precipitate is elastically distorted by the MT and that the martensite is finely and reversely sheared by the introduction of nanotwins due to internal elastic strain. Local strain generated by the MT is likely to be accommodated by the nano-twins in the martensite and the coherency at the parent/martensite habit plane becomes high. Therefore, the MT is thermoelastic in the Fe-Mn-Al-Ni alloy with the b nanoprecipitate. The elastic energy due to distortion of the b precipitates has been estimated by La Roca to range from about 10 to 500 J mol -1 (for aging conditions at 200°C for up to 3 h) depending on the volume fraction of the precipitates, which decreases the MT temperatures [46] . The average stacking order observed in Ref. [45] is close to 8M with ð53Þ in the Zhdanov notation. However, it is rather irregular, unlike the order stacking structure in NiMn-Al [47] or Ni-Mn-Ga [48] . Therefore, the crystal structure of the martensite phase should probably be recognized as the fcc structure although nano-twins are densely introduced.
Superelasticity and Its Temperature Dependence in Fe-Mn-Al-Ni
The Fe-Mn-Al-Ni alloy exhibits superelasticity with temperature insensitivity in stress. The temperature dependence of the critical stress for inducing martensite r c is related to the entropy difference DS (= S M -S P ), transformation strain e, and molar volume V m as written by the Clausius-Clapeyron relation [49] :
DS is normally negative, and therefore the critical stress increases with increasing temperature. As shown in the inset of Fig. 9a [24] , the Ni-Ti alloy shows superelasticity at 20°C but the critical stress is very high at 150°C, leading to the introduction of slip and large residual strain. At -50°C, the martensite phase is stable under zero stress. The large temperature dependence (dr c / dT = 5.7 MPa/°C in Ni-Ti) limits the superelastic temperature window. However, the Fe-Mn-Al-Ni alloy exhibits superelasticity at every temperature from -50°C to 150°C in Fig. 9a , and the temperature dependence is smaller by one order of magnitude (dr c /dT = 0.74 MPa/°C for 6-hour aging and dr c /dT = 0.53 MPa/°C for 24-hour aging) than that of the Ni-Ti alloy. The small temperature dependence has been confirmed in the single crystals (0.60 MPa/°C for near h110i in tension [24] , 0.54 MPa/°C for h100i in tension [50] , and 0.41 MPa/°C in compression [50] ). This unique property ensures a wide superelastic temperature window. Superelasticity has been observed at temperatures from -196°C to 240°C (Fig. 9b) and recently cryogenic superelasticity at -263°C has been reported [38] . DS of the Fe-Mn-Al-Ni alloy is estimated to be -0.43 J mol -1 K -1 using Eq. (1) [24] . The e and V m of the Fe-Mn-Al-Ni alloy are similar to those in other alloys, while the DS (= -0.43 J mol -1 K -1 ) is much smaller than that of other alloys (e.g., -4.37 J mol -1 K -1 in the Ni-Ti alloy [24] ). Therefore, it is concluded that the small temperature dependence of Fe-Mn-Al-Ni is caused by the small entropy difference.
Superelasticity in a Single Crystal
Tseng et al. have investigated the stress-strain response of a single-crystalline Fe-Mn-Al-Ni alloy oriented along h001i in tension and compression (Fig. 10) [50] . The tensile test shows only a limited superelastic strain, while the compressive test shows better superelasticity. The residual strain is caused by the retained martensite in both cases and a larger superelastic strain may be obtained in compression tests when the critical stress for inducing martensite is higher. They ascribe this difference between tension and compression to the variant selection of martensite. One martensite variant is induced in tension and the transformation strain is not well accommodated, resulting in the hairpin-shaped dislocation in the parent phase related to plastic deformation [51, 52] as well as parallel dislocations at parent/martensite interface. However, two variants are activated due to the equivalent Schmid factor in compression, which can more effectively accommodate strain, and the parent/martensite interface remains mobile. This finding provides important information on the role of variants and orientation selection for alloy development but does not mean that superelasticity of Fe-Mn-Al-Ni is always poor for tensile deformation. Indeed, a good superelastic response can be obtained even in tension in a Fe-Mn-Al-Ni single crystal with different orientations (Fig. 11) [24, 53] .
The transformation strain in the MT can be predicted by the shape strain using phenomenological [54, 55] , lattice deformation [56] , or energy minimization theory [57] . The transformation strain is larger in lattice deformation theory because the contribution of detwinning is included [58, 59] . The transformation strains in the a/c 0 MT calculated by energy minimization theory and lattice deformation theory are shown in Fig. 12 [53] . It is seen that the transformation strain in h001i is about 10.5% by energy minimization theory and about 26.5% by lattice deformation theory, while being reported to be about 12.5% by phenomenological theory [60] . Similar results on lattice deformation theory have been reported by other researchers [24, 61] . From a comparison between the calculations and experiments for a few orientations [24, 42, 49, 56] , it seems that the suitable theory should be selected depending on the crystallographic tensile or compressive orientation, but further investigations are required for better prediction of the maximum superelastic strain.
Grain Size Dependence of Superelasticity
In a polycrystalline alloy, grain constraint from neighboring grains during deformation is a key factor in microstructural control. Figure 13 shows the results of strain incremental tensile test in h110i textured Fe-34Mn-15Al-7.5Ni wires with relative grain size d/D = 0.41 and d/D = 2.19 [60] , where d and D are mean grain size (i.e., diameter in fine grains or grain length in a bamboo structure) and diameter of the wire, respectively. The texture was developed by wire-drawing at an area reduction ratio of 75% and subsequent solution treatment. The wire with d/D = 0.41 hardly shows a superelastic response, while that with d/D = 2.19 exhibits excellent superelasticity with the maximum superelastic strain of 5.5%. The maximum superelastic strain is evaluated in Fig. 14, which suggests that the grain size should be the same as or larger than the wire diameter (i.e., bamboo structure) to obtain good superelasticity. A similar result has been obtained in sheets [24, 62] . The stress is higher in wires with smaller d/ D. This means that a larger grain constraint suppresses the stress-induced MT. Numerical analysis of superelastic behavior has been performed in Cu-based and Ni-Ti alloys [63] [64] [65] [66] [67] [68] and also in the present Fe-Mn-Al-Ni alloy. The superelasticity of the Fe-Mn-Al-Ni wire can be explained by combination of the Sachs model [69] , in which each grain deforms independently of its neighbors, and the Taylor model [70] , in which strain compatibility at grain boundaries is maintained and each grain has the same internal strain. The critical stress lies between the lower bound of the Sachs model with unconstraint and the upper bound of the Taylor model with constraint, and seems to have a linear relation against the ratio of grains with free surface in a cross section. However, the superelastic strain shows a poor linear relation because of other microstructural factors [60] . The Taylor factor is large in Fe-Mn-Al-Ni alloys similar to Cu-based alloys and dissimilar to the Ti-Ni alloy [63] , and thus the grain size is a crucial microstructural factor in superelasticity of Fe-Mn-Al-Ni SMA. 
Abnormal Grain Growth
Abnormal grain growth (AGG) can be exploited to obtain a bamboo structure or even a single crystal. It has been reported that abnormal grain growth occurs by cyclic heat treatment between the single-phase region and two-phase region in Cu-Al-Mn SMAs [71] and this simple technique has been successfully applied to obtain a large singlecrystal Cu-Al-Mn [72] . Fortunately, the Fe-Mn-Al-Ni alloy also shows the a single-phase at high temperatures and a ? c two-phase at low temperatures as shown in Fig. 2 , and the AGG phenomenon by cyclic heat treatment is available for obtaining a coarse grain structure [24] . Figure 15 shows the AGG of the a phase in the Fe-MnAl-Ni alloy subjected to cyclic heat treatment between 1200 and 600°C [73] . Two grains are abnormally growing, and smaller grains are seen inside the surrounding grains although they exist only in a part of the abnormal grains. The smaller grains are subgrains associated with precipitation of the c phase and the sub-boundary energy is a dominant driving pressure in this AGG phenomenon [72, 73] .
Effect of Aging
Aging treatment affects the MT and the superelastic performance through change of the size and the fraction of the b precipitates. The b particles actually precipitate during water quenching from 1200°C. In addition, further precipitation and growth is proceeded by subsequent aging treatment at 200°C, which increases the hardness and decreases the MT temperature [24] . Tseng et al. and Ozcan et al. have, respectively, investigated the effect of aging by compression tests in a h100i single-crystalline alloy [43] and by tensile tests in a h110i textured oligocrystalline alloy [74] . The critical stress for the MT remarkably increases with increasing aging time at 200°C (about 100 MPa for 0 h, about 600 MPa for 24 h), while stress hysteresis slightly increases except for the lowest hysteresis aged for 3 h. In addition, the Dr c /DT slope decreases with increasing aging time in a single crystal. The researchers concluded that the best aging condition for a larger superelastic strain is 200°C for 3 h (Fig. 16) , where the size and volume fraction of the b precipitates is 6-10 nm and 34%, respectively. These precipitates can strengthen the matrix and prevent it from slip deformation without coherency loss. 
Other Features and Problems
One major problem in the Fe-Mn-Al-Ni alloy is cracking during quenching after solution treatment. Fe-Mn-Al-Ni alloys are prone to crack formation by water quenching after solution treatment at 1200 or 1300°C in the a singlephase region. The crack formation seems to be promoted by the high crystallographic anisotropy [75] and the b precipitation, but the reason is not clear yet. Vollmer et al. has shown that intergranular cracking can be suppressed by grain boundary decoration using the ductile c phase formed during quenching with a slightly lower cooling rate from 1200°C and that superelasticity does not largely deteriorate by the small amount of the c phase [75] . It is important that a thin layer of the c phase precipitates mainly at grain boundaries in a bamboo structure as reported in the Ni-Al [76] , Co-Ni-Al [77, 78] , and Co-Ni-Ga [79, 80] systems. Alloying elements can change the kinetics of precipitation and, especially, the addition of Ti is effective to obtain the favorable microstructure [81] . Another problem of the Fe-Mn-Al-Ni SMA is the cyclic degradation of superelasticity, which may be a common issue to be resolved in superelastic alloys. Rapid degradation of superelasticity has been reported in Fe-MnAl-Ni alloys [82] and should be addressed for practical applications for cyclic use. It has also been reported that the critical stress changes after long-time aging at room temperature [83] . The thermal shape memory effect has been less investigated probably because the output stress is not expected to be high. The reverse shape memory effect has recently been reported [84] .
Owing to the large difference in magnetization between the ferromagnetic parent and antiferromagnetic martensite phases, magnetic-field-induced reverse transformation has been observed [45, 38] , and the field-induced strain is probably possible. Magnetization and permeability change can be obtained by stress-inducing MT [24, 85] , and a noncontact strain sensor is a potential application.
Many SMAs also possess high damping capacity [86] , and a few studies on damping have been reported in FeMn-Al-Ni alloys [87] . Figure 17 shows the tan d-temperature curve during cooling and heating in an Fe-MnAl-Ni alloy [88] . The peaks correspond to the forward and reverse MT and the martensite phase has a relatively high damping capacity.
Concluding Remarks
Fe-Mn-Al and Fe-Mn-Al-Ni alloys undergo MT between the a parent and c 0 martensite phases, which appears to be caused by a reduced magnetic contribution to the Gibbs energy by alloying elements to Fe. The b nanoparticles precipitate in coherence with the a matrix by addition of Ni, which is responsible for the change of the transformation manner to thermoelastic. Owing to the disordered structure of the a phase and by use of the c phase, the cold workability of Fe-Mn-Al-Ni is higher than that of Ni-Ti with an ordered structure. Among the most important characteristics of this alloy is the small entropy difference between the parent and martensite phases, which leads to almost temperature-invariant critical stress (about 0.5 MPa/°C), a wide temperature window for superelasticity from cryogenic temperature to high temperatures around 200°C, and large thermal hysteresis. The Fe-MnAl-Ni alloy exhibits excellent superelasticity in a bamboo structure or single crystal, which can be obtained by abnormal grain growth induced by cyclic heat treatment. This alloy system with the inexpensive constituents has a potential to spread the range of applications of superelastic alloys to larger components.
